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In the present study, data on tensile behavior of bulk nanostructured aluminum alloys
processed via consolidation of mechanically milled powders and severe plastic
deformation are analyzed. High strength and low strain hardening were observed in bulk
nanostructured and ultrafine-grained Al alloys. The ductility of aluminum alloys decreases
with decreasing grain size. The high amount of intercrystalline components may have an
influence on tensile properties of bulk nanostructured materials when grain sizes are less
than 100 nm. The high strength in bulk nanostructured Al-Mg alloy may be attributed to
contributions arising from grain size strengthening, the presence of high dislocation
densities, Orowan strengthening, precipitation hardening and solid-solution hardening.
The large and sudden stress drops in the stress-strain curves of cryomilled Al alloys are
most probably indicative of the dislocation annihilation in the vicinity of or breakaway from
the strong pinning role of dispersoids. C© 2003 Kluwer Academic Publishers

1. Introduction
Bulk nanostructured materials (BNMs) exhibit unique
microstructures [1, 2] in which the volume of grain
boundary is significant. For example, a 5-nm mate-
rial has approximately 50% of its volume as grain
boundaries. BNMs are emerging as a new class of ma-
terials with unusual structures and, as a result, have
attracted considerable attention in recent years. They
offer interesting possibilities related to many structural
applications.

The successful synthesis of large-scale BNMs with
a grain size in the range of 10–200 nm represents a ma-
jor achievement in the wide field of nanotechnology.
The fact that it is now possible to synthesize large-
scale BNMs with dimensions in the 102–104 mm is of
technological and scientific significance. From a tech-
nological point of view, it will be feasible to obtain engi-
neering materials that retain the structural and chemical
attributes of particles in the nanometer size range. From
scientific point of view, large-scale BNMs will permit
careful studies of the physical and mechanical behav-
ior, using standardized testing. In addition, BNMs, by
virtue of their microstructure, will allow systematic in-
vestigations of the influence of multiple-length scales
(from the nanometer to micrometer) on the fundamental
physical mechanisms that govern the materials.

Severe plastic deformation (SPD) and consolidation
of mechanically milled powders represent the two most
widely used techniques for synthesizing bulk nanos-
tructured aluminum alloys [2–5]. There are two main

differences between these techniques in terms of the
characteristics of the materials produced. First, the min-
imum grain size of BNMs processed via consolidation
of mechanically milled powders is typically smaller
than that via SPD. For instance, the minimum grain
size in BNMs processed via consolidation of mechani-
cally milled powders is about 20–30 nm (reported in a
MA pure Al [6]), compared to about 100–300 nm via
SPD [2]. This difference most likely is the result of: (a)
the higher level of severely plastic deformation intro-
duced during milling procedure, and (b) the limitation
of grain growth by the Zener pinning of dispersoids in
the former approach. Also, this difference is consistent
with the general observation that the final grain size of
BNMs is largely determined by the inherent thermal
stability of the microstructure in combination with the
parametric space used during processing [7]. Second,
the tensile ductility of BNMs processed using consol-
idation of mechanically milled powders is lower than
that of SPD, probably because of the absence of defects
in the microstructure characterizing the material pro-
duced by the latter technique. As reported elsewhere
[8], the low tensile ductility of many nanostructured
materials is often attributed to defects and flaws.

Data reported for the mechanical behavior of bulk
nanostructured aluminum alloys have shown two
trends. First, for a grain size ranging from 20 to 300 nm,
the grain size softening phenomenon (e.g., reverse
Hall-Petch relationship [9]), which is sometimes re-
ported, is absent, and the flow strength follows the
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regular Hall-Petch relationship: σ = σo + k · d−1/2.
Second, in some BNMs [3, 10, 11], extensive strain
hardening is not observed. This trend is manifested in
the presence of a longer steady-stage extending from
the ultimate stress to the failure point (for instance,
nanostructured 5083 Al alloy [4]).

The purpose of the present study is to provide in-
sight into the deformation behavior of bulk nanos-
tructured aluminum alloys at ambient temperatures by
close reviewing the data reported for tensile mechanical
properties.

2. Tensile behavior of bulk nanostructured
aluminum alloys

The comparison of tensile behavior of nanostructured
aluminum alloys with coarse-grained aluminum alloys
is necessary to understand the deformation mechanisms
of nanostructured aluminum alloys. Fig. 1 shows the
plots of true tensile stress as a function of true strain for
four Al-Mg alloys, i.e., cryomilled UFG Al-7.5%Mg al-
loy [12], cryomilled nanostructured 5083 Al alloy [4],
ultrafine-grained (UFG) 5083 Al processed via SPD
(equal-channel angular pressing) [13], and as-received
coarse-grained 5083 Al [13]. Cryomilled Al-7.5Mg al-
loy has a grain size of about 300 nm [12], and cryomilled
5083 Al alloy is reported to possess bimodal grains with
some of grains of about 30 nm, and some large grains of
about several hundred nanometers in microstructure af-
ter extrusion at elevated temperatures [4]. 5083 Al alloy
processed via equal-channel angular pressing (ECAP)
has a homogeneous uniform grain size of about 300 nm
[13]. The coarse-grained 5083 Al alloy has grain sizes
of 200 µm [13]. Inspection of the figure shows three
observations. The first observation is related to yield
strength. The yield strength of BNMs or UFG Al alloys
is higher than that of coarse-grained Al alloys. The sec-
ond observation is pertinent to strain hardening. The
strain hardening exponent, h (h = d ln σ/d ln ε), is ap-
proximately 0.04 in cryomilled Al-7.5Mg alloy, about
0.07 in cryomilled 5083 Al-Mg alloy and about 0.08
in 5083 Al-Mg alloy prepared by ECAP, whereas, the

Figure 1 Plots of true tensile stress vs. true strain of Al-7.5%Mg alloy
[12], 5083 Al alloy processed by consolidation of cryomilled powders
[4] and 5083 Al alloy processed by equal-channel-angular pressing [13].

Figure 2 Tensile elongation as a function of grain size in bulk nanos-
tructured aluminum alloys processed by consolidation of mechanically
milled powders and severe plastic deformation [3–6, 11–13, 15–20].

strain hardening exponent is relatively high (changed
from about 0.3 to about 0.1) in coarse-grained 5083 Al
alloy.

In addition to revealing the aforementioned two
observations regarding yield strength and strain hard-
ening, the data of Fig. 1 show that cryomilled UFG Al-
7.5%Mg alloy [12], cryomilled nanostructured 5083 Al
alloy [4], and UFG 5083 Al alloy [13] exhibit relatively
high ductilities (several to nearly 20 percent of elonga-
tion). This observation contrasts with those reported for
nanostructured materials in which low tensile ductility,
typically no more than 2% elongation for grain sizes
less than 25 nm [14] was reported. It is noteworthy that
the elongation of 5083 Al alloy processed via ECAP
(20%) is essentially equal to that characterizing the as-
received alloy [13].

Fig. 2 shows the tensile elongation of several alu-
minum alloys processed by two approaches, i.e., con-
solidation of mechanically milled powders and severe
plastic deformation (SPD) [3–6, 11–13, 15–20] as a
function of grain size. Despite considerable scatter in
the data, it is seen that ductility generally decreases with
decreasing grain size. Also, the trend of data appears to
indicate that the processing approach has an influence
on the value of elongation. For the same grain size, the
values of elongation in BNMs by SPD are higher than
those by consolidation of mechanically milled powders.
Finally, Fig. 2 illustrates a finding that was mentioned
earlier: grain refinement via SPD and consolidation
of mechanically milled powders is limited to approxi-
mately 200 nm and 20 nm, respectively.

3. Discussion
3.1. Influence of intercrystalline

components on mechanical properties
of BNMs

When grain sizes fall in the nano-meter region (200 nm
or less), the intercrystalline region, consisting of grain
boundaries and triple junctions, will assume a consider-
able volume fraction of the overall microstructure. The
grain size and grain boundary width will have a signifi-
cant influence on volume fractions of intercrystalline
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regions in BNMs. In the analysis on the effect of
grain size on volume fraction of intercrystalline region
in nanocrystalline materials [21–23], the relationships
among volume fractions of intercrystalline components
( fic), grain boundaries ( fgb) and triple junctions ( ftj),
grain size (d) and grain boundary width (w) are given
by:

fic = 1 − (1 − w/d)3 (1)

fgb = 3 · (w/d) · (1 − w/d)2 (2)

ftj = fic − fgb. (3)

The above expressions indicate that the volume frac-
tions of intercrystalline area, grain boundaries, and
triple junctions are influenced not only by the value
of grain size of the nanostructure, but also by its grain
boundary width. For example, when the grain boundary
width for grains with sizes of about 30 nm is assumed
to be 1 nm, the volume fractions of intercrystalline re-
gions, grain boundaries and triple junctions are about
9.67, 9.34 and 0.33 vol%, respectively.

The influence of intercrystalline regions on the over-
all strength in BNMs processed via SPD with the rela-
tive “larger” grain sizes might be insignificant, because
of the negligible volume fraction of intercrystalline ar-
eas. By contrast, the volume fraction of intercrystalline
areas in BNMs processed via consolidation of mechan-
ically milled powders cannot be ignored, and may have
a significant effect on mechanical properties, when the
grain size is less than 100 nm. As grain size approaches
that typical of the nanocrystalline range, microstructure
can be assumed to consist of continuous grain bound-
aries and discontinuous grains. According to the law of
mixtures, the strength (σ ) of nanocrystalline materials
can be expressed by [24, 25]:

σ = (1 − fic) · σg + fic · σic (4)

where fic is the volume fraction of intercrystalline re-
gion; σg and σic are the strength in grains and the
strength at intercrystalline region, respectively. From
Equation 4, it may be postulated that the grain size
softening (i.e., the negative Hall-Petch relation) might
appear when the negative item fic · σg outweighs other
items.

When the intercrystalline region becomes a signif-
icant fraction of the overall microstructure, the defor-
mation mechanisms related to grain boundaries, grain
boundary sliding or Coble creep, are expected to play a
major role during deformation. This possibility should
be investigated in future studies on BNMs.

3.2. Strengthening mechanisms
High yield and flow strength in BNMs and UFG materi-
als can be the result of the contributions of several types
of strengthening. The first contribution is from grain
size strengthening. According to the Hall-Petch relation
(σd = σo+k·d−1/2), there is an increase in strength with
a decrease in grain size [8]. For aluminum alloys, grain
size is reduced dramatically by cryomilling processing

and can remain stable after subsequent consolidation
by HIP treatment [5, 26]. The ultrafine grains of alu-
minum alloys also can be produced by severe plastic
deformation [2, 13]. A second contribution to strength
may be from either the presence of a high density of
dislocations or the multiplication of dislocations [15].
For example, a high density of dislocations of about
1.3 × 1017 m−2 has been observed in cryomilled Al-
7.5%Mg powders following cold pressing at 1.1 GPa
[27]. However, because of the strong pinning role of
dispersoids, the majority of dislocations in the consol-
idated cryomilled Al-7.5%Mg may be immobile. In
addition, the dislocation activity in pure nanophase
metals appears to decrease with decreasing grain size
owing to a combination of the decreased availability
of dislocations and the decreased ability to create new
dislocations [28]. Consequently, dislocation strength-
ening may be a minor factor in cryomilled materials.
Alternatively, a high density of dislocations of about
6×1015 m−2 is typically assumed in severely deformed
metallic materials [2]. In addition, strong interactions
of dislocations with dispersoids, i.e., Orowan strength-
ening, might be present in cryomilled aluminum alloys.
As a result of the introduction of extraneous elements
during cryomilling processing, oxide or nitride dis-
persoids or independent impurity elements are present
in BNMs [26, 29, 30]. However, in UFG aluminum
alloys processed via severe plastic deformation (equal-
channel angular pressing), strong Orowan strengthen-
ing should be absent because of the lack of contami-
nation in microstructure. Finally, in Al-Mg alloys, both
solid solution and precipitation strengthening may con-
tribute to strengthening. According to the Al-Mg phase
diagram, the saturated solid solution of magnesium el-
ement in aluminum contains less than 1% magnesium
[31]. The remaining magnesium in Al-Mg alloys could
form precipitates of Al3Mg2 or Al12Mg17. In summary,
the high strength in bulk nanostructured Al-Mg alloy
may be attributed to contributions arising from grain
size strengthening, increasing of density of disloca-
tions, Orowan strengthening, and/or precipitation hard-
ening and solid-solution hardening.

Theoretically, the value of Orowan strengthening can
be estimated by [32, 33]:

σOr = M
0.4Gb

π (1 − ν)1/2

ln(d̄/b)

λ̄
(5)

where M = 3.06 is the mean orientation factor for FCC
aluminum, G is the shear modulus of aluminum at room
temperature, b is the Burgers vector, ν is the Poisson’s
ratio, d̄ = √

2/3 · d and λ̄ = d̄(
√

π/4 f − 1) are the
mean dispersoid size and inter-particle distance, re-
spectively. If the mean dispersoid size and inter-particle
distance were taken as 0.8 and 5.4 nm, respectively, as
assumed by Tellkamp et al. [4], the value of Orowan
stress estimated from Equation 5, using the values of G
and b in reference [34], is nearly 1000 MPa. However,
the above values of the mean dispersoid size and inter-
particle distance appear to be not very representative
since they were roughly estimated from the segrega-
tion of dispersoids along grain boundaries in the images
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of field-ion microscope. In addition, the distribution of
overall dispersoids in the images of field-ion micro-
scope was non-uniformly distributed. Alternatively, If
the mean dispersion size in the cryomilled Al-Mg alloy
is taken as 10 nm and the volume fraction of disper-
soids is assumed to be 0.5% [29], the value of Orowan
stress is estimated to be 123 MPa. The value of 123 MPa
estimated from Equation 5 represents a significant por-
tion of the strength difference of 160 MPa between
ECAP 5083 Al, whose structure, as mentioned above,
is not expected to contain dispersion particles due to
the lack of contamination, and cryomilled 5083 Al.
On the other hand, the strength difference of about
175 MPa between the UFG 5083 Al alloy (300 nm)
processed via equal-channel-angular pressing and the
coarse-grained 5083 Al alloy (200 µm) in Fig. 1 may
reflect to the grain size effect, if the effect of disloca-
tion multiplication on strengthening can be overlooked
in UFG 5083 Al alloy (300 nm) processed via equal-
channel-angular pressing. However, a quantitative as-
sessment of the data of Fig. 1 in terms of the Hall-Petch
equation (σd = σo + k · d−1/2) is not feasible since the
value of σo depends on several parameters including
strain and alloying elements.

3.3. Plastic deformation in tension
Examination of the plots of stress versus strain shows
features that may provide insight into the details of de-
formation processes. According to Fig. 1, there is a
short, rapid strain-hardening region in the cryomilled
Al-7.5%Mg alloy, in which the multiplication of dislo-
cations may occur. Although it is expected that strong
interactions take place between dislocations and dis-
persoids in cryomilled Al-Mg alloys, the dislocations
may be able to move after yielding. After the maxi-
mum stress, there is a rapid stress-drop and a short pe-
riod of a serrated stress-strain curve. In general, there
are three possible explanations for the phenomenon of
serrated flow: (a) the interactions of mobile disloca-
tions with alloying elements (dynamic strain aging),
i.e., Portevin-Le Chatelier effect [35–37], (b) defor-
mation twining [38], and (c) the detachment of dis-
locations from ultrafine oxide or nitride dispersoids.
The first explanation appears to applicable to all the
alloys partly because there are high amounts of solid
solution elements and partly because the shape of ser-
rations seem to resemble those which were reported for
solid-solution alloys [35, 39, 40]. However, the charac-
teristics of the serrations in the initial portion of the
stress-strain curve of the cryomilled Al-Mg alloy are
not entirely consistent with those observed in case of
dynamic strain aging. In particular, demonstrated by
Fig. 1, the stress drops are not only sudden but also
large. On the other hand, these stress drops are sim-
ilar in trend and shape to those characterizing defor-
mation twining. Although deformation twinning was
difficult in fine-grained materials despite the fact that
the same material in coarse-grained form may readily
yield deformation twins under similar conditions [41],
deformation twins were observed in the cryomilled Al-
7.5%Mg powders when examined by high-resolution

TEM [42]. In addition, deformation twinning in Al-
4.8%Mg alloy was also observed when it was shock
loaded to 13 GPa at a temperature of −93 K, while de-
formation twinning in 99.99 Al and 6061 Al alloy was
absent at similar conditions [43]. Gray [43] attributed
the formation of deformation twins in Al-4.8%Mg
to the significant role of solute strengthening, instead of
the reduction of stacking fault energy. Because the su-
persaturated solid solution in cryomilled Al-7.5%Mg,
the possibility of deformation micro-twinning in plas-
tic deformation of cryomilled Al-7.5%Mg cannot be
ruled out at the present stage. The third explanation
is applicable because the pinning effect of dispersoids
is much stronger than that of solute atoms. Disloca-
tions can accumulate around ultrafine dispersoids in
cryomilled Al-Mg alloy. When dislocations burst out
from ultrafine dispersoids under high applied stresses
or annihilate each other, a stress-drop can occur in the
stress-strain curve. In summary, the dislocation annihi-
lation in the vicinity of or breakaway from the strong
pinning role of dispersoids are the mechanisms most
likely to be responsible for the observed stress-drops
after the yield deformation in cryomilled Al-7.5%Mg.

Tensile data on various materials suggest that the re-
lationship between true stress, σ , and true strain, ε, is
given by σ = K εh [44]. If the necking occurs when
dσ/dε = σ at the maximum stress, the true strain
at the onset of necking (uniform strain) is given by
εu = h. Consequently, the uniform strain decreases
with decreasing strain-hardening exponent. An empir-
ical relation of strain-hardening exponent and grain
size (d) (less than 10 µm) in carbon steels is given
by h = 5/(10 + d−0.5) where d is in mm [45]. Ac-
cordingly, εu = 5/(10 + d−0.5). When the grain sizes
decrease from several hundred micrometers to several
micrometers, ductility decreases with decreasing grain
size [45]. Although it is not certain whether the above
relationship can be applicable to materials other than
carbon steels or whether can be extrapolated to the
nanometer range, it at least shows the trend of the uni-
form strain and consequently total elongation decreas-
ing with decreasing grain size.

It is observed that the processing approach has an
influence on ductility, defined as the total elongation to
failure. For example, ductility in BNMs processed by
SPD is in general higher than that processed by con-
solidation of mechanically milled powders. According
to available information, the value of uniform strain
(εu) can be expressed as: εu = ρm · b · L where ρm is
the density of mobile dislocations, b the Burgers vec-
tor and L the average distance of dislocation move-
ment. The value of total elongation is a sum of uniform
strain and necking strain. As necking in BNMs is rela-
tively small, the value of elongation can be assumed to
be proportional to the density of mobile dislocations.
In BNMs processed via consolidation of mechanically
milled powders, most of the dislocations are highly
likely to be immobilized due to their strong interac-
tions with dispersoids. Therefore, it is expected that the
density of mobile dislocations in BNMs processed
via consolidation of mechanically milled powders be
lower than that in materials processed via severe plastic
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deformation. This expectation regarding the difference
in the density of mobile dislocations may explain why
ductility in the former materials is lower than that in the
latter materials. Another possible explanation for the
lower tensile ductility of BNMs processed via consoli-
dation of mechanically milled powders may be related
to the presence of residual porosity or the presence of
flaws at the interfaces of oxide particles and matrix [46].
It is well-known that even when materials consolidated
under very high temperatures and high pressures, resid-
ual porosity cannot be eliminated. Finally, contamina-
tion of extraneous elements introduced during milling
procedure also has a negative effect on ductility.

4. Summary
The high amount of intercrystalline components is ex-
pected to influence tensile properties of BNMs when
grain sizes are less than 100 nm. The high strength
in bulk nanostructured Al alloys may be attributed to
contributions arising from grain size strengthening, in-
creasing of density of dislocations, Orowan strength-
ening, precipitation hardening and solid-solution hard-
ening. The dislocation annihilation in the vicinity of or
breakaway from the strong pinning role of dispersoids
can account for the large stress drops in the initial por-
tion of the stress-strain curve of cryomilled Al-7.5%Mg
while the occurrence dynamic strain aging appears to be
responsible for the serrations in the stress-strain curves
of ECAP 5083 Al and coarse–grained 5083 Al. Investi-
gation of the occurrence of serrated flow in cryomilled
Al alloys as a function of strain rate, temperature, and
milling conditions should provide guiding information
on the role of twinning and slip during plastic defor-
mation (stress necessary for twinning is less sensitive
to temperature than that necessary for slip). The ductil-
ity of aluminum alloys decreases with decreasing grain
size. The BNMs processed via severe plastic defor-
mation exhibit higher ductilities than those processed
via consolidation of mechanically milled powders. The
lower ductility in the latter materials can be the result
of one or a combination of the following three possi-
bilities: (a) the strong interaction between dislocations
and dispersion particles, (b) the presence of residual
porosity or the presence of flaws at the interfaces of
oxide particles and matrix, and (c) the introduction of
extraneous elements during milling procedures.
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